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Deformation behaviour during cold drawing of nanocomposites based on
single wall carbon nanotubes and poly(ether ester) copolymers
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Abstract

Relationships between the macroscopic deformation behaviour and microstructure of a pure (PBT-b-PTMO) block copolymer and a polymer
nanocomposite (PBT-b-PTMOþ 0.2 wt% SWCNT) were investigated by simultaneous small- and wide-angle X-ray scattering (SAXS and
WAXS) during tensile deformation using synchrotron radiation. The Young’s modulus was found to be 15% higher for the nanocomposite
than for the pure block copolymer as well as the yield strength, while the elongation-to-break was less than a half. This different behaviour
can be explained by taking into account the different structural features revealed by SAXS and WAXS and thus considering that SWCNT
act as anchors in the nanocomposite, sharing the applied stress with the PBT crystals and partially preventing the flexible, non-crystallisable
PTMO chains to elongate.
� 2007 Elsevier Ltd. All rights reserved.

Keywords: Polymer nanocomposites; Deformation behaviour; Simultaneous SAXS and WAXS
1. Introduction

Thermoplastic elastomers combine high-temperature me-
chanical strength and low-temperature flexibility [1]. These
elastomers are block copolymers which contain alternate crys-
tallisable (hard) and non-crystallisable (soft) chain segments,
resulting in a material with high melting temperature crystal-
lites (hard component) dispersed in a soft, low glass transition
temperature matrix. Segmented poly(ether ester) copolymers
of PBT and PTMO belong to the family of such thermoplastic
elastomers [2]. The nanometric structure of segregated hard
and soft segments is mainly responsible for the mechanical
properties of these polymers [2,3]. On the other hand, single
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wall carbon nanotubes (SWCNT) with a diameter of 0.6e
1.8 nm and a length of several microns exhibit a Young’s
modulus of about 1.25 TPa [4] (100 times stronger than steel
with six times lower density) and higher electrical and thermal
conductivity than copper. This makes SWCNT ideal as the
reinforcing elements in nanocomposite materials, with great
potential to improve the polymer properties as a result of
physical and chemical interphase interactions [5]. It is known
that in order to transfer the outstanding mechanical properties
of SWCNT to the composite material the most essential step
involves the dispersion of nanotubes within the polymer ma-
trix. There are several works showing that nanotubes are not
isolated from the nanocomposite [6e8]. SWCNT are mostly
arranged into ropes with a close-packed stacking, which thus
form self-assembled cables on the nanometer scale [9,10].
Elastic and shear moduli of SWCNT ropes are in the order
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of 1 TPa and 1 GPa, respectively [11], and the yield strength is
about 45 GPa [12] (20 times the yield strength of typical high-
strength steels). Elastic modulus and yield strength of SWCNT
ropes are excellent, but they have low shear modulus due to
poor intertube cohesion.

Few works have been reported about simultaneous SAXS/
WAXS studies during deformation of polymer-CNT nanocom-
posites [13]. The aim of the present study is to establish direct
relationships between the macroscopic deformation behaviour
and the microstructure of a pure (PBT-b-PTMO) block copol-
ymer and a polymer nanocomposite (PBT-b-PTMOþ 0.2 wt%
SWCNT), in order to know the role of SWCNT in the defor-
mation behaviour of this kind of nanocomposites.

2. Experimental section

2.1. Materials and sample preparation

The chosen polymer matrix was a copolymer (PBT-b-
PTMO) consisting of hard blocks with ester units, poly(bu-
tylene terephthalate) (PBT) and soft blocks with ether units,
poly(tetramethylene oxide) (PTMO). The content of hard seg-
ments based on PBT was 45 wt% and the content of soft seg-
ments based on PTMO was 55 wt%. The morphology in this
copolymer consisted of semicrystalline PBT domains dis-
persed in the soft matrix of amorphous, non-crystallisable
PTMO [14,15]. The average molecular weight of the copoly-
mer was approximately 26,000 g/mol.

The nanocomposite with 0.2 wt% of SWCNT (MER Corp.,
Tucson, Arizona, USA) was prepared in situ by introducing
the filler into a reaction mixture for synthesis of multiblock
poly(ether ester) copolymer (PEE) by polycondensation in
the molten state. The SWCNT were dispersed by ultrasoni-
cation and high-speed stirring in 1,4-butanediol (BASF,
Germany). The synthesis of the multiblock poly(ether ester)
copolymer with the dispersed SWCNT was a two-stage pro-
cess which has been described elsewhere [16]. The resulting
materials were extruded from the reactor by compressed nitro-
gen and then pelletized. Scanning electron microscopy shows
good dispersion of nanotubes in the polymer matrix [16].

The samples were put into a mould and melt-pressed at
260 �C under a pressure of 4000 kg/m2 for 3 min. The molded
samples were quenched in ice water. The samples have
a dumbbell shape with dimensions of 25 mm length, 7 mm
wide and 0.85 mm thick.

2.2. Instrumentation and experimental procedures

In situ time-resolved SAXS (small-angle X-ray scattering)
and WAXS (wide-angle X-ray scattering) experiments were
performed at the X27C beamline in the National Synchrotron
Light Source (NSLS), Brookhaven National Laboratory
(BNL), USA. The wavelength of the X-ray beam was mono-
chromatised to 0.1371 nm using a double multilayer Si/W
monochromator. The X-ray beam was collimated to 0.4 mm
size (at the sample position) using a three pinhole collimation
system. Two-dimensional SAXS and WAXS patterns were
recorded on two Fuji HR-VTM imaging plates (200�
250 mm) with sample-detector distances of 1914.4 and
129.5 mm, respectively. The WAXS imaging plate contained
a central opening with a diameter of 20 mm to allow the pas-
sage of the SAXS signal. A FUJI BAS 2500 imaging plate
scanning station was used to digitize the image recorded on
the plates. The patterns were digitized at a resolution of
100 mm/pixel. The SAXS scattering angle was calibrated by
silver behenate standard while the WAXS scattering angle
was calibrated by Al2O3 diffraction standard from the National
Institute of Standards and Technology (NIST).

Stretching of the sample was accomplished by using a modi-
fied Instron 4410 tensile apparatus. The Instron apparatus was
mounted in such a way that the centre of the sample was in the
beam path. This machine provided symmetric deformation
where the same part of the sample remained in the beam
path during the stretching. After the sample was mounted
and placed into the Instron grips, extension was applied at
a crosshead speed of 1 mm/min. The strain at time t was cal-
culated as 100� (l� l0)/l0, where l is the length of the sample
at time t and l0 is the original length of the sample. Simulta-
neous SAXS and WAXS images were recorded using image
collection time of 60 s during the deformation experiment.
2D SAXS and WAXS patterns were corrected for the incident
beam intensity fluctuations, as well as air and instrument
scatterings.

3. Results

Fig. 1 shows the engineering stressestrain curves for the
PBT-b-PTMO copolymer and for the nanocomposite with
0.2 wt% of SWCNT, obtained during drawing at room temper-
ature. The pictures below represent in situ simultaneous SAXS
(top) and WAXS (bottom) patterns collected at selected strains
for the copolymer (A) and for the nanocomposite (B). In both
cases, copolymer and nanocomposite, the SAXS and WAXS
patterns exhibited continuous changes with increasing applied
strain, indicating a close correlation between the microstruc-
ture and the mechanical properties of the samples.

The stressestrain curve of the PBT-b-PTMO copolymer ex-
hibits an initial region of elastic deformation at strains lower
than 38%, where the stress increases sharply. In this region,
WAXS patterns typical of the undeformed sample are shown,
consisting of circular diffraction rings corresponding to the
Bragg reflections of the a form PBT crystals [17]. At strains
larger than 38%, the stress increases slowly with strain and
the Bragg reflections accumulate the intensity along the equa-
tor (perpendicular to the stretching direction). The correspond-
ing SAXS patterns show a different evolution trend with the
strain. The initial isotropic ring for the undeformed sample be-
comes gradually anisotropic having an arc on the meridian
(stretching direction). In pattern 3 the arc on the meridian
splits into two maxima and with increasing strain the arc
with two maxima appears to be spread horizontally (pattern
4). With a further increase of strain (patterns 5 and 6), the
SAXS intensity shows a strong maximum on the meridian,
together with a sharp scattering streak along the equator.
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Fig. 1. Stressestrain curves for the PBT-b-PTMO block copolymer (solid line) and for the nanocomposite with 0.2 wt% SWCNT (dotted line). The pictures below

present in situ simultaneous SAXS (top) and WAXS (bottom) patterns selected at specific values of strain. The panel A corresponds to the copolymer and panel B

to the nanocomposite.
The nanocomposite with 0.2% of SWCNT exhibits
a stressestrain curve having a region of elastic deformation
at strains lower than 25%, showing even a more pronounced
increase in the stress than the PBT-b-PTMO copolymer. It
can be seen that the elongation-to-break for the nanocomposite
is less than half the elongation-to-break for the pure block co-
polymer. However, the stress at break is similar for the two.
The evolutions of WAXS and SAXS patterns with increasing
strain are similar for nanocomposite and copolymer but at
a different time scale. The WAXS and SAXS patterns taken
after the break of the samples (patterns named relaxed) show
a loss of orientation in both systems due to relaxation of the
material. This effect is more prominent for the nanocomposite
than for the copolymer.

In order to analyze the positional changes of the SAXS
maximum with strain, radial intensity profiles were extracted
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from the azimuth integration in the meridian region of the 2D
SAXS patterns. At strains higher than 5%, the SAXS patterns
show a cylindrical symmetry. In these cases, a projection op-
eration was applied to obtain the integrated intensity on the
meridian (I1(q3)) using the expression

I1ðq3Þ ¼
ZN

0

Iðq12;q3Þq12 dq12 ð1Þ

Here, (q3) is the project direction that corresponds to the me-
ridian direction, and all the intensities in the q12 plane, which
has the same q3 value have been projected onto an array mem-
ber I1(q3). In Fig. 2, the meridian intensity profiles are plotted
against the scattering vector (q¼ 4psin q/l, l being the wave-
length and 2q the scattering angle) at different strains. The sets
of curves A and B correspond to the copolymer and the nano-
composite, respectively. Fig. 3 shows the variation of the me-
ridian long spacing L (L¼ 2p/qm, qm being the position of the
maxima in Fig. 2), between the crystalline lamellae, with
strain for both copolymer (empty circles) and nanocomposite
(filled circles). To facilitate the comparison, the stressestrain
curves (solid and doted lines, respectively) are superimposed
in the same figure. In the initial stage the long spacing in-
creases linearly with strain until the value of 3¼ 61% for co-
polymer and the value of 3¼ 38% for nanocomposite. For
strains higher, the long spacing decreases until values slightly
below the initial value for both copolymer and nanocomposite.

As pointed out in the description of Fig. 1, at high strains
the SAXS patterns show a scattering streak along the equator.
The radial intensity profiles have been extracted from the az-
imuthal integration of the equatorial region from the 2D SAXS
patterns. In Fig. 4, the equatorial intensity profiles are plotted
against the scattering vector q only at strains where the SAXS
equatorial streak presents a maximum of intensity. The sets of
curves A and B correspond to the copolymer and nanocompo-
site, respectively. It should be noted that in nanocomposite, the
maximum appears as a shoulder imposed to a higher continu-
ous scattering due to SWCNT. Fig. 5 shows the variations of
the equatorial long spacing Leq (Leq¼2p/qeq, qeq being the po-
sition of the maxima in Fig. 4), as a function of strain for both
copolymer (empty circles) and nanocomposite (filled circles).
It can be seen that the equatorial long spacing increases with
strain to a similar value for both samples (the process is
much faster for nanocomposite). It should be pointed out
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Fig. 2. Meridian intensity profiles extracted from the 2D SAXS patterns for the copolymer (panel A) and the nanocomposite (panel B), measured at indicated strain

values. Curves have been vertically shifted for clarity.
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Fig. 4. Equatorial intensity profiles extracted from the 2D SAXS patterns for the copolymer (panel A) and the nanocomposite (panel B), measured at indicated

strain values. Curves have been vertically shifted for clarity.
that the equatorial intensity maximum and thus the equatorial
long spacing for nanocomposite disappears at strain values
larger than 100%, while it remains at strain of 320% for
copolymer.

The 2D WAXS patterns were azimuthally integrated, in the
whole angular range (0e360�), in order to obtain the radial
intensity profiles. These curves were deconvoluted as indivi-
dual crystalline peaks and the amorphous halo. The degree
of crystallinity was calculated from the equation Xc ¼P

Ic=
P
ðIa þ IcÞ, where Ic is the integrated area underneath

the crystalline peaks and Ia is the integrated area of the amor-
phous halo. Xc values are illustrated in Fig. 6 as a function of
strain. It is seen that the degree of crystallinity is slightly
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higher for nanocomposite than for copolymer at a given strain.
In addition, the degree of crystallinity is almost constant in the
region of elastic deformation for both the copolymer and the
nanocomposite. At higher strains, the degree of crystallinity
decreases with increasing strain.

In order to obtain information about the evolution of crystal
perfection with applied strain, the apparent crystallite size
(ACS), associated with the 010 reflection was calculated using
the Scherrer equation [18]

ACS¼ 0:9l

ðD2qÞcos q
ð2Þ

where l is the X-ray wavelength, (D2q) is the width at half-
intensity maximum of the 010 reflection in radians, and q is
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half the scattering angle of the crystalline peak. In order to im-
prove the statistics and to be able to calculate the ACS even at
very high strains, the 2D WAXS patterns were azimuthally in-
tegrated taking into account a cake centred at the equator (at
the 010 reflection) with the following limits: 14� � 2q� 17�

and �20� � 4� 20�. In Fig. 7, the ACS value for both copol-
ymer and nanocomposite is presented as a function of strain.
The ACS is slightly larger for the copolymer and decreases
with increasing strain for both materials.

4. Discussion

The above results indicate that the application of macro-
scopic deformation induces considerable changes in micro-
structure for both block copolymer and nanocomposite.
However, there are some differences between them. From
the stressestrain curves in Fig. 1, the mechanical behaviour
between the PBT-b-PTMO block copolymer and the nanocom-
posite with 0.2 wt% of SWCNT is quite different. We attempt
to discuss these differences on the basis of the changes in mi-
crostructure that take place during deformation and consider-
ing some molecular mechanisms.

4.1. Elastic deformation region

The first difference to point out is that the Young’s modu-
lus, calculated from the elastic region in the stressestrain
curves, has a value of E¼ 75.8 MPa for the copolymer and
E¼ 87.6 MPa for the nanocomposite. Thus, the Young’s mod-
ulus is about 15% higher in case of nanocomposite. As it has
been reported for a similar PBT-b-PTMO block copolymer
[14,19], the elongation of amorphous chains and the orienta-
tion of crystalline domains all increase with strain in the elas-
tic region. As a result, the PBT lamellae tend to be aligned
perpendicular to the drawing direction, and both PTMO and
PBT chains tend to arrange parallel to the stretching. In the
present work, we also have observed evidences to invoke
this behaviour for both copolymer and nanocomposite. The
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isotropic SAXS/WAXS patterns obtained from the initial state
of the copolymer (Fig. 1A, pattern 1) indicate a random orien-
tation of the semicrystalline PBT domains in the sample. In
contrast, the initial SAXS pattern taken from the nanocompo-
site (Fig. 1B, pattern 1) indicates that the scattered intensity
slightly concentrates on the meridian, indicating a small initial
degree of orientation of the semicrystalline PBT domains. This
may be due to the templating effect of the carbon nanotubes
during processing of the samples [20]. With increasing strain,
one observes the distortion of the SAXS patterns of the copol-
ymer from the initial circular shape into an ellipsoidal shape
with the scattered intensity concentrated on the meridian
(Fig. 1A, pattern 2). This indicates that the crystalline domains
reoriented themselves perpendicularly to the stretching direc-
tion. As strain increases, the amorphous PTMO chains are
elongated while the crystalline PBT chains remain unchanged,
resulting in an increase of the separation distance between
the PBT crystalline domains. In Fig. 3, one observes an affine
relationship between the long spacing and the applied strain
for both copolymer and nanocomposite. Nevertheless, the
increase of the long spacing with strain is smaller for nano-
composite than for copolymer. This could be explained by
assuming that nanotubes act as anchors and partially prevent
the flexible, amorphous PTMO chains to elongate. A visualiza-
tion of these mentioned features can be found in the scheme
presented in Fig. 8. Initially the isotropic SAXS pattern of
the copolymer (pattern A, left in Fig. 8) indicates a random
orientation of the semicrystalline PBT domains in the sample,
while the initial SAXS pattern taken from the nanocomposite
(pattern A, right) presents the scattered intensity slightly
concentrated at the meridian, indicating an initial degree of
orientation of the semicrystalline PBT domains due to the tem-
plating effect of the carbon nanotubes during processing. Un-
der stress but still in the elastic region, the SAXS signal
becomes gradually anisotropic showing an arc on the meridian
(patterns B of Fig. 8), indicating the rotation of the crystal
lamellae in order to be aligned along the stretching direction.

4.2. Plastic deformation region

Taking into account the results of Figs. 6 and 7 about the
evolution of crystallinity and apparent crystallite size upon
the applied strain, it is evident that SWCNT are playing the
role of the nucleating agent in the nanocomposite. Thus, while
the degree of crystallinity is somewhat larger for the nano-
composite, the PBT crystallite size along the 010 direction
is considerably reduced by the presence of SWCNT.

At strains higher than 38% in the copolymer and 25% for
nanocomposite, the rate of increase in stress becomes much
smaller than that in the elastic region. We can explain
this with the behaviour of an irreversible breakage of the
PBT crystalline lamellae which, as it has been reported
[14,15,19], takes place in different sequential steps. Firstly,
the breakage of the initial crystalline lamellae occurs giving
rise to a four point SAXS diagram for the copolymer case
(Fig. 8C, left). For nanocomposite (Fig. 8C, right), the order
of the fragmented lamellae is distorted by the presence of
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Fig. 8. 2D SAXS patterns together with the schemes of the corresponding microstructure, for the copolymer (left) and for the nanocomposite (right). The patterns

have been chosen at following strains: A z 0%, B z 15%, C z 35%, D z 100%, E z 135%, F z 300%.
nanotubes and therefore the SAXS pattern, although present-
ing reminiscence of the four points pattern, reveals a higher
degree of disorder. Secondly, at higher strains, the fragmented
lamellae appear to reassemble themselves along the stretching
direction interconnected by tie molecules, forming microfi-
brils. At this state, the SAXS patterns exhibit an equatorial
streak with an intensity maximum (Fig. 4) related to the
long period (Leq) in the transverse direction (perpendicular
to the applied stress) resulted from the average lateral distance
between microfibrils. Such a long period increases with in-
creasing strain for both copolymer and nanocomposite
(Fig. 5). However, significantly higher values are measured
for the nanocomposite at comparable strain. The appearance
of such equatorial maxima upon stretching has been
previously reported for PBT-b-PTMO copolymers [21,22]
and the evolution with strain (Figs. 4 and 5) can be explained
by the progressive destruction of the semicrystalline domains
with increasing strain. Accordingly, our data indicate that
this destruction is more efficient in nanocomposite than in co-
polymer. One possibility to visualize this fact is provided in
the scheme of Fig. 8D, right. If one considers a fraction of
the crystalline blocks anchored to the nanotubes then a strong
restriction to the block displacement is expected. As a result,
the stress can be more efficient in destroying the crystalline
blocks. In some polymer composites with macroscopic fibres,
the fibres can act as nucleating agents and promote transcrys-
tallinity in an interphase region between the fibre and the bulk
matrix. The effect of this transcrystalline layer on mechanical
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properties appears to differ for different fibre/polymer systems
[23,24]. In some cases it has been reported that the polymer
nucleates in the rough areas of the fibre, and the anchored mol-
ecules thereby enhance the fibreematrix adhesion through
mechanical interlocking [25,26]. The last could be a similar
effect to the one taking place at the present study. Thirdly,
with a further increase in strain, the equatorial maxima tend
to transform into an equatorial streak, as seen in Fig. 4 at strain
319% for copolymer and 94% for nanocomposite. This effect,
previously observed in PBT-b-PTMO, was attributed to the
formation of an elongated soft phase, referred to as soft nee-
dles [22], formed by the resulting material of the hard block
destruction. The appearance of the soft needles precedes the
mechanical failure of the material. Again, the appearance of
an equatorial streak occurs for nanocomposite at smaller strain
values than those for copolymer (Fig. 4). Therefore, analo-
gously as in the previous step, we can assume that this fact oc-
curs as a consequence of the anchoring of lamellae blocks to
the nanotube surface (Fig. 8E, right). It should be noted that
it is necessary to increase the strain, above 200%, in order
to reach the final elongation of the soft phase in the copolymer
(Fig. 8F).

5. Conclusions

The different mechanical behaviour between the PBT-
b-PTMO block copolymer and its nanocomposite with
0.2 wt% of SWCNT can be correlated with the changes in
microstructure during deformation.

For nanocomposite, the Young’s modulus and the yield
strength are higher than those of block copolymer, but the
elongation-to-break is less than a half. The SWCNT can act
as an anchor for the crystalline blocks in nanocomposite, shar-
ing the applied load with PBT crystals and making the hard
block destruction more efficient. This model explains the ob-
served increase of the Young’s modulus and the yield strength
in the elastic region of the stressestrain curve, as well as the
increase of the rigidity of nanocomposite, which shows a big
decrease of the elongation-to-break in relation to the block
copolymer.
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